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FOREWORD 


Tois  report  was  prepared  with  the  purpose  of  bridgiac 
the  gap  between  the  theoretical  and  the  practical  aspects  of 
mckel-base  superalloys.  The  viewpoint  taken  is  that  of  a 
research  metallurgist  engaged  in  alloy  development,  and  the 
aim  is  to  pro\*ide  a  metallurgical  understanding  and  an  evo> 
lutionary  history  of  nickel*base  superalloys  through  the 
medium  of  meshing  practical  observations  with  theoretical 
considerations. 

Mach  of  the  irJormation  included  was  previously 
presented  in  OMIC  Memorandums  73,  84,  and  95. 
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PHYSICAL  METALLURGY  OF 
NICKEL-BASE  SUPERAILOYS 


SUMMARY 


Li  this  report,  nickel-base  superalloys  are  discassed  from  the  stand¬ 
point  of  strengtfiening  mechanisms,  heat  treatment,  and  erolotionary' htstozy: 

In  the  first  section  of  the  report,  solid-solution  hardening,  precipi¬ 
tation  hardening,  strengthening  by  boron  and  xirconium  additions,  and 
failure  are  considered  in  general  theoretical  terms.  Dislocation  move¬ 
ment  coherency  effects  are  discussed  and  related  to  elevated- 
temperature  strength  properties.. 

The  next  section  describes  the  more  prominent  reactions  taking  place 
during  the  heat  treatment  of  nickel-base  superalloys.  The  gamma  prime 
and  eta  precipitates  are  described.  Observations  are  presented  on  the 
betiavior  of  complex  carbides  of  die  M23Cg  and  M^C  types,  at  both  inter- 
and  intragranular  locations.  Microstructural  changes  that  occur  daring 
heat  treatment  are  related  to  contemporary  alloys.. 

The  last  section  briefly  outlines  the  progress  and  describes  the 
attitude  of  alloy  development  by  the  British,  U.  5.,  and  Soviet  tnvestigatc«*s 
during  the  years  1946-1960.  Chemical  compositions  and  mechanical 
properties  are  tabulated  for  30  selected  British,  U.  S. ,  and  Soviet  alloys. 


lNTR<X>UCTIOll 


The  first  of  the  nichel-hase  alloys  for  high-strengUi,  high-temperatare 
applications  (the  so-called  soperalloys)  war  developed  some  20  years  ago 
as  the  result  of  the  discovery  that  the  elevated -ten^rature  mechanical 
properties  of  a  basic  solid  solution  could  be  greatly  enhanced  by  forcing 
the  precipitation  of  a  finely  dispersed  second  phase^  Since  that  time,  alloy* 
development  studies  have  produced  vast  improvements  in  the  capabilities  o( 
nickel-base  alloys  for  service  at  the  higher  temperatures.  The  aircraft 
industry  has  supplied  most  of  the  motivation  for  these  studies.  In  structsr^ 
applications,  involving  such  forms  as  sheet,  forgings,  and  castings, 
material  improvements  can  be  translated  into  increased  operating  tempera* 
tures  and  reduced  weight.  In  power*plant  applications,  such  as  turbine 
blading  for  turbojet  and  turboprop  engines,  they  can  be  translated  into  in* 
creased  efficiency  and  power  output. 

Even  though  there  been  a  conceotrated  research  and  developmexfial 
program  on  other,  more  refractory  metals,  nickel-base  alloys  must  still 
be  considered  as  paramount  for  pre;^''nt  higb-temperature,  load-carrying 
applications.  For  the  most  part,  the  refractory  metals  are  still  in  the 
relatively  early  developmental  stages,  and  indicatiems  from  the  aerospace 
industry  are  that  it  probably  will  be  several  years  before  refractory  metals 
and  alloys  will  be  commercially  available  for  general  use  as  primary  air* 
craft  structures.  O)*  For  in-atmosphere  flights,  nickel-base  superalloys 
have  been  used  for  a  wide  variety  of  parts,  includixkg  turbine  buckets,  nox32e 
guide  vanes,  rotor  disks,  combustiou  cans  and  liners,  afterburners,  noise 
suppressors,  thrust  reversers,  luits,  pins,  bolts,  and  miscellaneous 
fasteners.  For  space  flights,  these  alloys  have  been  used  as  the  primary 
structural  material  on  the  North  American  X-IS  rocket  research  planes 
and  as  shingles  on  the  outer  surface  of  the  Project  Mercury  re-entry 
capsule.  Also,  they  are  currently  being  designed  Into  the  primary  structures 
of  the  hypersonic -glide  re-entry  vehicles  with  which  such  programs  as 
Dyna-Soar  and  Space  Ferry  are  concerned. 


STRENGTHENING  MECHANISMS 


The  dominating  prerequisite  of  a  superalloy,  whether  nickel-base  or 
otherwise,  is  that  it  possess  superior  strength  at  elevated  temperatures. 
As  a  corollary,  it  must  also  have  satisfactory  corrosion  resistance, 
especially  in  gaseous  environments,  at  the  temperatures  of  interest.  In 
common  with  numerous  other  suitable  basis  metals,  nickel  by  itself 
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does  sot  possess  sitfficienl  high'^ezx^erstsre  strengUi  and  corrosion  re* 
sistasce  to  enjoy  more  Ximited  usage  at  elevated  temperatures*  Hbw< 
ever,  when  judicious  additions  of  other  elements  are  made  to  nickel,  and 
the  resulting  alloy  is  properly  heat  treated,  astonishing  increases  in 
strength  and  corrosion  resistance  are  obtainable  and  a  superalloy  truly 
emerges.  The  mechanisms  for  achieving  strength  In  nickel-base  super- 
alloys  are  discussed  in  the  following  sections. 

Solid -Solution  Hardemng 


Solid-solution  hardening  can  be  freely  defined  as  the  increase  in 
resistance  to  deformation  obtained  by  dissolving  one  element  in  ano&er. 

This  increase  in  resistance  to  deformation  can  be  interpreted  by  means  of 
the  dislocation  theory.  The  movement  of  dislocations,  or  atomic  dis- 
registries,  through  a  crystal  lattice  is  the  mechanism  that  permits  plastic 
deformation  in  a  metal  or  alloy.  Any  distitrbance  within  the  crystal  lattice 
that  hinders  the  movement  of  dislocations  reduces  the  rate  of  plastic  de¬ 
formation,  thus  strengthening  the  alloy.  The  introduction  of  dissimilar 
(solute)  atoms  forces  the  crystal  lattice  of  the  solvent  either  to  expand  or 
to  contract.  This  enforced  change  in  lattice  dimension  causes  a  dis¬ 
turbance,  which  takes  the  form  of  a  strained  condition  within  the  crystal¬ 
lographic  structure  of  the  alloy.  Small  areas  of  localized  strain  surround 
each  of  the  solute  atoms.  It  is  these  strained  areas  that  retard  the  move¬ 
ment  of  dislocations  and  strengthen  the  alloy. 

Because  of  this  disturbance  phenomenon,  all  terminal  solid  solutions 
are  stronger  than  the  pure  parent  metals.  The  beneficial  effects  of  solid- 
solution  hardening  are  valid  for  ternary  and  more  complex  solutions  as  well 
as  for  binary  solutions.  Each  element  in  a  complex  solid  solution  con¬ 
tributes  to  the  ultimate  strength  of  the  Hnal  solution  just  as  it  would  in  a 
binary  alloy  with  the  parent  metal.  The  effects  are  additive.  However, 
strengthening  by  the  addition  of  solute  elennents  occurs  only  so  long  as  a 
single-phase  solid  solution  is  maintained.  If  the  limits  of  solubility  are 
exceeded,  a  second  phase  will  be  formed  and  further  additions  of  the 
elements  contributing  to  the  second  phase  will  i.ot  stress  the  crystallographic 
structure  of  the  parent  solid  solution,  or  matrix.  Consequently,  maximum 
solid-solution  strengthening  is  obtained  when  a  large  number  of  elements 
are  dissolved  to  form  an  extremely  complex  solid  solution.  In  this  way, 
an  optimum  number  of  localized  strain  areas  are  developed  to  oppose  the 
movement  of  dislocations.  Obviously,  .maximum  benefits  are  obtained  when 
elements  are  dissolved  which  have  the  greatest  possible  difference  in  atomic 
size  from  that  of  the  matrix.  This  results  in  an  increase  in  the  size  of  each 
of  the  localized  strained  areas,  thereby  increasing  opposition  to  the  move¬ 
ment  of  dislocations.  However,  it  should  be  mentioned  that  these  conditions 
are  incompatible  to  a  degree,  because  the  rules  of  solid  solubility  show  that 
the  elements  which  have  the  greatest  dissimilarity  of  atomic  size  and 
structure  from  the  matrix  solid  solution  also  have  the  lowest  solubility. 
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Lx  his  work  on  the  relationship  of  stressed  areas  and  dis<-> 

location  movement,  Cottrell  found  that  an  explanation  of  the  solid^solutioa 
strengthening  mechanism  could  not  include  the  assumptions  of  (1)  the 
concept  of  a  dislocation  line  as  a  rigid  linear  discontinuity,  and  (2)  a  random 
distrU»uti£Mi  of  solute  atoms  in  the  matrix.  If  both  of  these  assumptions 
are  accepted,  any  dislocation  line  would  be  randomly  surrounded  by  strained 
areas,  caused  by  solute  atoms.  The  forces  exerted  by  the  strained  areas 
on  opposite  sides  of  a  dislocation  would  be  equal  and  opposite  in  nature. 

Thus,  the  effect  of  the  strained  areas  would  be  nearly  cancelled,  the 
dislocation  line  would  continue  its  movement  through  the  structure  almost 
as  easily  as  it  would  in  the  absence  of  strained  areas. 

As  documented  by  Parker  and  Hazlett(2)^  further  considerations  by 
Mott,  Nabarro,  and  Cottrell  showed  that  the  dislocation  line  could  assume 
a  gently  curved  shape  and  that  the  strengthening  effect  could  not  be  caused 
by  the  strain  areas  generated  by  individual,  randomly  dispersed  solute 
atoms.  Consequently,  the  contemporary  theories  developed  by  Cottrell, 
Zuzuki,  Fisher,  and  others  postulate  the  existence  of  localized  segregations 
of  solute  atoms.  The  presence  of  these  segregations  is  necessary  to  explain 
strengthening  effects  obtained  by  the  interaction  of  dislocation  lines  and 
strained  areas.  The  localized  segregations  accumulate  in  the  forms  of 
clusters,  ’‘atmospheres**,  or  as  the  result  of  short-range  ordering.  When 
a  dislocation  line  intercepts  the  strained  area  surrounding  the  localized 
segregations  of  solute  atoms,  the  movement  of  the  dislocation  is  retarded. 

By  impeding  the  movement  of  dislocations,  the  strength  of  the  alloy  is  in¬ 
creased,  particularly  the  yield  strength  and  creep  properties. 

Nearly  all  of  the  nicVel-base  superalloys  developed  for  elevated- 
temperature  service  have  contained  from  5  to  30  per  cent  chromium. 

Notable  exceptions  have  been  Hastelloy  B,  Hastelloy  D,  and  K  Xlonel. 

Some  of  the  benefits  gained  by  the  use  of  chromium  are: 

(1)  The  strength  of  nickel  is  increased  by  solid-solution  hardening. 

(2)  The  oxidation  resistance  of  nickel  is  improved. 

(3)  The  re  crystallization  temperature  range  is  increased. 

(4)  The  sulfidation  resistance  of  nickel  is  improved. 

.^11  of  these  beneficial  effects  are  accomplished  by  the  addition  of  an 
element  which  is  readily  available  at  a  moderate  cost.  The  useful  properties 
gained  by  the  addition  of  chromium  to  nickel  were  first  recognized  by 
Marsh  in  1906.(3)  He  discovered  that  alloys  of  15  to  25  per  cent  chromium 
had  excellent  electrical  resistance  and  high-temperature  oxidation  charac¬ 
teristics.  This  combination  of  properties  made  these  alloys  ideally  suited 
for  electric  furnace  windings,  an  application  for  which  they  are  still  used. 
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ftCuKy  modern  nickel-base  soperalloys  include  not  only  chromium  bat 
also  molybdenum  or  tungsten,  or  both,  as  additional  solid-solution 
strengtheners.  Cobalt  also  is  present  in  many  oi  the  alloys,  but  it  should 
have  a  relatively  minor  effect  as  a  solid-solution  strengthener  because  of 
the  similarity  in  size  of  the  nickel  and  cobalt  atoms.  The  beneficial  effects 
imparted  by  cobalt  will  be  described  later  in  the  sections  on  precipitation 
hardening  and  heat  treatment* 


Precipitation  Hardening 


Nickel -base  superalloys  obtain  most  of  their  high  strength  at  high 
temperature  through  the  precipitation-hardening  mechanism.  Although  the 
phenomenon  was  observed  by  Wilm(4}  in  1906,  while  working  on  aluminum- 
copper -magnesium  alloys,  among  the  first  to  document  the  conditions 
necessary  for  precipitation  hardening  were  MericafS)  and  co-workers  in 
1919.  The  basic  principle  presented  by  Merica,  etal.,  was  that  precipi¬ 
tation  hardening  depended  upon  a  solid  solution  possessing  decreasing 
solubility  of  solute  in  solvent  with  decreasing  temperature.  This  curving 
solvus  line  is  essential  to  precipitati^  hardening. 

The  strengthening  due  to  precipitation  hardening  depends  upon  the 
formation  of  a  dispersed  second  phase  within  the  solid-solution  matrix. 

Two  heat-treating  steps  are  usually  necessary  to  obtain  this  structure* 

The  first  step,  called  solution  treating  or  solution  annealing,  involves 
heating  a  solid  solution  above  the  solvus  temperature,  bolding  for  a  suitable 
length  of  time,  and  then  cooling  to  room  temperature  at  a  rate  necessary 
to  retain  the  elevated-temperature  structure.  This  treatment  results  in  a 
supersaturated  solution.  The  second  step,  called  aging,  results  in  the 
formation  of  a  dispersed  second  phase  by  precipitation  from  the  super¬ 
saturated  solid  solution.  Although  the  aging  step  can  be  carried  out  within 
a  reasonable  time  at  rooir  temperature  in  some  alloy  systems,  it  is  usually 
done  at  an  Intermediate  temperature*.  The  selected  temperature  represents 
a  compromise  between  diffusion  rate  and  degree  of  supersaturation.  At 
room  temperature,  the  diffusion  rates  in  nickel-base  supcralloys  are  so 
low  that  no  precipitation  can  occur.  Solute  diffusion  is  a  phenomenon  vital 
to  precipitation  because  clusterii^  of  solute  atoms  is  a  prerequisite  to 
precipitation.  The  solute  atoms  must  migrate,  by  diffusion,  to  concentrate 
or  cluster  at  locally  favorable  sites  and  initiate  the  formation  of  the  second 
phase.  Diffuiion  rates  increase  with  increasing  temperature.  Thus,  some 
intermediate  temperature  above  room  temperature  favors  the  formation  of 
the  second  phase.  Increasing  the  temperature,  however,  usually  increases 
the  amount  of  solute  that  can  be  held  in  solid  solution.  Because  the  amount 
of  second  phase  obtainable  is  inversely  related  to  the  amount  of  solute  which 
can  be  held  in  solid  solution,  an  increase  in  aging  temperature  decreases 
the  amount  of  second  phase.  As  a  general  rule,  increased  amounts  of 
Second  phase  result  in  increased  strength  properties.  Thus,  some  inter¬ 
mediate  temperature  above  room  temperature  decreases  the  amount  of 
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second  phase.  1£  a  low  temperature  Is  selected,  the  result  wxU  be  a 
large  eventual  volume  of  second  phase,  but  it  will  be  a  long  time,  perhaps 
months  or  years,  before  anything  approaching  equilibrium  in  the  precipi¬ 
tation  reaction  is  attained.  If  a  very  high  temperature  is  selected,  the 
result  will  be  a  small  volume  of  second  phase,  but  this  volume  will  be 
attained  in  a  short  period  of  time,  xmnutes  or  hours. 

In  the  case  of  nickel-base  superalloys,  the  final  selection  of  aging 
temperature  is  further  complicated  by  the  factors  of  service  temperature 
and  the  precipitation  of  "secondary**  second  phases,  such  as  carbides. 

The  factor  of  service  temperature  is  important  because  it  would  be  un¬ 
realistic,  from  the  standpoint  of  structural  stability,  to  age  at  a  temper¬ 
ature  that  differs  much  from  the  service  temperature.  This  is  especially 
true  for  long-term  applications  that  arc  **crcep  limited".  "Seconda»-y** 
second  phases,  such  as  carbides,  have  a  relatively  minor  effect  on  strength 
but  can  have  a  marked  Influence  on  the  ductility  at  fracture. 

The  foregoing  has  been  a  brief  discussion  of  how  the  beneficial 
effects  of  precipitation  hardening  were  first  noticed,  and  how  the  necessary 
conditions  for  the  reaction  were  established.  The  reason  that  the  presence 
of  a  second  phase  increases  the  strength  of  an  ahoy  remains  to  be  dis¬ 
cussed.  When  the  strengthening  effects  of  the  second  phase  were  first 
noticed,  the  benefits  were  attributed  to  the  simple  act  of  retarding  the 
sliding  action  of  slip  planes  over  one  another  by  the  presence  of  the  other 
phase.  However,  as  further  observations  were  recorded,  it  became  ob¬ 
vious  that  this  strengthening  theory  was  inadequate.  For  instance,  the 
theory  could  not  account  for  the  measurable  increase  in  strength  before  the 
appearance  of  an  observable  second  phase. 

The  formulation  and  development  of  the  dislocation  theory  provided  a 
more  satisfactory  answer.  In  this  interpretation,  the  main  cause  of 
strengthening  can  be  looked  at  as  the  result  of  intersections  between  the 
strain  areas  surrounding  a  particle  of  the  second  phase  and  the  movement 
of  dislocations  along  a  slip  line.  As  a  particle  of  the  second  phase  is 
formed,  it  produces  clastic  strain  in  its  immediate  area.  The  size  of  the 
resulting  strained  area  depends  upon  many  factors,  but,  for  the  purpose  of 
explaining  a  strengthening  mechanism,  the  important  thing  is  that  it  exists. 
As  dislocations  move  through  the  crysta*  along  slip  lines,  they  cunnot 
continue  along  the  easiest  path  of  slip  when  they  run  headlong  into  the 
strain  area  surrounding  a  particle  of  second  phase.  Because  plastic  de¬ 
formation  IS  dependent  upon  the  movement  of  dislocations,  anything  that 
hinders  or  arrests  their  movement  aiso  restricts  plastic  deformation, 
thereby  strengthening  the  alloy.  When  contact  is  made  between  dislocations 
and  a  strain  field,  the  dislocations  pile  up  against  this  barrier.  In  order 
to  continue,  the  dislocations  must  climb  around  the  barrier,  a  process 
governed  largely  by  diffusion  rates,  until  the  barrier  is  cleared.  They  can 
then  continue  along  the  next  available  plane  of  easiest  slip.  (See 
Figure  1(6).}  Such  a  description  provides  an  explanation  of  strengthening 


e^cts  before  Uie  appearance  of  an  observable  second  phase,  becaase  the 
lattice  is  strained  as  soon  as  the  second  phase  starts  to  form. 

When  a  second  phase  is  formed  by  precipitation  &om  a  solid  solution 
(this  is  to  distinguish  it  from  a  mechanically  produced  dispersed  phase  that 
is  inert  to  its  surroundings),  there  usually  is  a  period  of  coherency  between 
the  second  phase  and  the  matrix  solid  solution.  Coherency  is  deHned  as  the 
enforced  registry  or  alignment,  in  both  crystallographic  structure  ahd 
lattice  spacing,  between  matrix  solid  solution  and  precipitating  second 
^ase. 

Often  the  normal  structure  of  the  precipitating  phase  is  very  similar 
to  that  of  the  matrix.  In  this  case,  only  a  small  amount  of  internal  strain 
results  bocduse  of  the  small  amount  of  mismatch.  More  often,  however, 
there  is  a  difference  of  either  crystallographic  structure  or  lattice  spacing 
that  results  in  a  greater  degree  of  internal  strain.  Thus,  coherency  it 
present  during  the  early  period  of  precipitate  growth  when  registry  with  the 
matrix  is  forced.  Because  of  this  forced  registry,  the  second  phase  has  no 
characteristics  to  distinguish  it  from  the  matrix  and  thus  cannot  be  seen 
under  a  microscope. 

Af  tf'c  precipitate  grows,  so  does  the  localized  internal  strain.  In 
time,  these  strains  build  to  the  point  where  local  shearing  takes  place  and 
•he  precipitate  becomes  an  isolated  particle  of  second  phase.  When 
shearing  occurs,  there  is  a  definite  release  of  the  internal  strain  and  a 
decrease  in  the  <ize  of  the  $train*affected  area.  Subsequent  agglomeration 
of  the  second'phase  particles  further  reduces  the  effectiveness  of  the 
strained  areas  because  fewer  are  present,  and  dislocations  can  travel  a 
greater  distance  between  contacts.  (See  Figure  2(>).) 

If  the  second  phase  normally  has  the  same  crystallographic  structure 
as  the  matrix,  coherency  strains  are  the  result  of  a  difference  in  lattice 
spacing.  The  Ni3Al  compound,  usually  desigr.ated  gamma  prime,  in  nickel* 
base  superalloys  is  an  example  of  this  kind  of  precipitate.  Both  the  solid* 
solution  matrix,  designated  gamma,  and  the  Ni^Al  compound  have  a  face- 
centered  cubic  crystal  structure.  Although  the  lattice  parameter  of  the 
matrix  changes  slightly  with  small  changes  in  composition,  the  difference 
in  lattice  parameters  between  naatrix  and  the  second  phase  is  very  slight, 
generally  not  more  than  0.  S  per  cent.  However  small  this  difference  may 
seem,  it  creates  considerable  internal  strain  during  the  period  of  coherency 
when  the  lattice  of  the  precipitate  is  forced  to  conform  to  the  lattice  of  the 
matrix.  The  gamma -prime  phase  is  capable  of  taking  a  considerable  amount 
of  other  elements  into  solution,  namely  chromium,  titanium,  and  cobalt. 
Taylor  and  Flovu,  and  Nordheim  and  Grant  have  shown  that  up  to  65  per  cent 
of  the  aluminum  atoms  in  Ni^Al  can  be  replaced  by  titanium. 


a.  Coherent  Precipitotion  and  .  b.  Incoherent  Precipitotioil 
Surrounding  Volume  of 

Strained  Matrix  x-smo 


FIGURE  2.  SLIP  INTERFERENCE  BT  COHERENT  AND 

INCOHERENT  PRECIPITATION  OF  THE  SAME 
DISPERSION*®* 


Note  fewer  intersections  between  slip  lines 
and  the  relatively  smaller  strained  areas 
surrounding  the  incoherent  precipitate. 


Soznetimes  the  normal  (or  most  stable)  crystallograpbic  structure  of 
a  precipitated  second  phase  will  differ  from  that  of  the  matrix.  During  the 
period  that  such  a  phase  is  coherent  wiUi  the  matrix,  its  crystal  structure 
will  conform  to  that  of  the  matrix  even  though  thi's  is  not  the  structure  of 
lowest  energy.  Such  a  structure  is  known  as  a  transition  phase.  When  the 
coherent  precipitate  shears  away  from  the  matrix  to  form  a  particle  of 
second  phase,  the  crystal  structure  of  these  particles  usually  will  be  that  of 
lowest  energy  or  normal  arrangement.  Sometimes  the  transition  j^se 
actually  forms  particles  of  second  phase  with  an  abnormal  crystal  structure, 
ue.,  siixdlar  to  the  matrix.  These  paribrles  are  dissolved  and  reprecipi— 
tated  in  the  normal  manner  as  precipitation  continues,  The  NijTi  com¬ 
pound,  usually  designated  eta,  in  nickel-base  superalloys  is  an  example  of 
such  a  precipitate.  Eta  has  a  hexagonal-close -packed  crystal  structure 
(hep)  in  contrast  to  the  face-centered  cubic  structure  (fee)  of  gamma,  the 
matrix.  Although  this  precipitate  is  fee  during  the  period  of  coherency 
with  the  fee  matrix,  it  can  be  precipitated  as  particles  of  second  phase 
which  have  cither  the  hep  (norntal;  lowest  energy)  or  fee  (abnormal) 
structure.  As  precipitation  continues,  however,  the  fee  form  of  the  eta 
phase  will  be  dissolved  and  reprccipitaied  as  the  hep  form.  Aging  at  low 
temperatures  allows  more  of  the  fee  form  of  eta  to  be  precipitated  than 
does  aging  at  higher  temperatures. 

Although  both  the  eta  and  gamma -prime  precipitates  are  beneficial  to 
strength  properties,  the  gamma  prime  is  considered  to  be  more  desirable. 
One  reason  for  this  is  that  eta  has  a  stricter  regime  of  precipiution  than 
does  gamma  prime.  Eta  has  almost  no  solubility  for  aluminum,  nickel, 
cobalt,  or  chromium  atoms,  and  adheres  ciosely  to  the  stoichiometric 
Ni3Ti  composition.  .As  mentioned  earlier,  gamma  prime  has  greater 
solubility  for  foreign  atoms,  particularlv  titanium,  and  is  less  rigidly  con¬ 
fined.  Eta  also  has  a  hep  structure.  This  neccssiUtcs  a  crystallographic 
restacking,  from  the  fee  present  during  coherency,  before  the  stable  hep 
phase  can  be  formed.  It  is  hypothesized  that  a  combination  of  these  factors 
results  iiu 

(1)  A  delay  in  the  precipitation  of  eta 

(2)  Tiie  sudden  release  of  a  relati>ely  greater  portion  of  its  strain 
energy  (as  compared  to  gamma  prime)  once  precipitation  of  the 
second  phase  (shearing  from  the  matrix)  takes  place.  See 
Figure  2,(8) 

Another  reason  eta  is  considered  less  oesirable  than  gamma  prime  is 
the  greater  tendency  for  eta  to  agglomerate  into  larger  particles  once  co¬ 
herency  is  broken.  Eta  forms  relatively  long  acicular  particles  of  second 
phase  which  contribute  less  to  the  strcnctheainc  than  do  the  tiny,  finely 
dispersed  spheroidal  or  cubic  shaped  particles  of  gamma  prime. 
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Oi^usion  rates  are  important  during  the  formation  and  growth  of  the 
second  phase.  As  mentioned  earlier,  the  initial  step  in  precipitation  is  the 
clustering  of  solute  atoms,  i.e. ,  the  aluminum  and  titanium  atoms  in  nickel' 
base  superalloys.  Any  elements  present  in  the  solid  solution  that  reduce 
diffusion  rates  will  retard  the  clustering,  and  hence  the  precipitation,  of 
the  second  phase.  The  heavy  elements  with  high  melting  points,  o.g., 
molybdenum  and  tungsten,  have  been  found  to  have  a  beneficial  retarding 
effect. 

These  same  elements  are  also  tfa<Might  to  retard  diffusion,  at  the  inter- 
face  of  the  solid-solution  matrix  and  the  coherent  second  phase.  The  re¬ 
tardation  of  diffusion  at  this  interface  is  important  because  the  growth  of 
the  second  phase  depends  upon  a  transfer  of  aluminum  and  titanium  atoms 
from  the  matrix  to  the  precipitate.  Precipitation  hardening  is  most  beneH- 
cial  to  the  strength  properties  of  an  alloy  during  the  period  of  coherency 
and  soon  after  coherency  is  broken.  It  reasonably  follows  that  molybdenum 
and  tungsten,  by  slowing  down  this  transfer  of  aluminum  and  titanium  atoms, 
extend  the  period  of  coherency  and  thereby  reduce  the  creep  rate  of  the 
alloy.  Once  coherency  is  broken,  the  isolated  particles  of  second  phase 
start  to  agglomerate  and  **overaging**  is  said  to  have  begun.  If  carried  to 
the  ultimate,  all  of  the  second^phase  particles  would  agglomerate  into  one 
large  mass.  The  result  obviously  would  be  a  \cry  weak  structure. 
Fortunately,  this  requires  an  extremely  long  period  of  time,  much  beyond 
the  intended  service  life  of  the  nickcNbase  supcralloys. 

The  presence  of  cobalt  in  the  superalloys  exerts  a  beneficial  effect 
by  increasing  the  solubility  temperature  of  aluminum  and  titanium.  Thus, 
the  cobalt'containing  alloys  can  maintain  their  strength  at  higher  tempera¬ 
tures  than  can  cobalt -free  alloys,  because  of  the  higher  solutioning  tem¬ 
perature  of  the  gamma -prime  phase. 


Strengthening  by  Boron  and  Zirconium  Adoitions 


Bor'in  and  zirconium  ha\e  been  found  to  increase  the  stress-rupture 
life  of  nickel-base  supcralloys.  Only  very  small  amo.mts  of  these  elements, 
0.  0003  to  0.  013  per  cent  boron  and  0.01  to  0.  0-1  per  cent  zirconium,  are 
necessary  to  impart  this  strengthening  effect.  Boron  has  a  greater  effect 
on  properties  than  zirconium  when  only  one  of  the  elements  is  added,  but 
optimum  properties  arc  obtained  when  both  <irc  added.  When  added  in  the 
proper  amounts,  both  elements  also  improve  the  hot  workability  of  wrought 
nickcl-basc  si  pcr-alloys.  If  too  much  boron  is  added,  complex  borides  are 
form.cd  at  the  grain  boundaries.  These  complex  borides  usually  are  hard 
and  brittle,  and  sometimes  ha\c  a  low*  mciiing  point,  factors  which  reduce 
the  ductility  and  hot  workability  of  the  alloys. 


When  present  in  proper  amoonts.  boron  atoms,  and  probably  zux«^ 
nium  as  well,  are  thought  to  fill  in  vacancies  and  lattice  imperfections  at 
or  near  the  grain  boundaries.  Vacancies  and  lattice  imperfections  are 
prevalent  in  these  areas  because  of  misfits  in  orientation  between  grams. 
Lron  has  an  atomic  diameter  of  I.72A  whUe  that  of  zirconium  is  3. 1^. 
These  are  odd-size  atoms,  boron  being  smaller  aiui  zirconium  larger  thMi 
the  atomic  diameters  of  the  major  constituents  of  nickel-base  superalloy  . 
Decker,  Rowe,  and  Freeman  have  shown  that  boron  and  zirconium  coiUd 
easUy  liU  the  vacancies  and  lattice  imperfections  available  in  a  typical  ^ 
superalloy.Wl  This  filling  or  healing  of  Uttice  imperfections  at  the  gram 
boundaries  is  important  because  the  grain  boundaries  are  excell^t  sources 
of  the  vacancies  necessary  for  dislocation  climb.  When  disloca.ions  bump 
into  a  grain-boundary  barrier,  they  must  climb  around  the  barrier  m  much 
the  same  manner  as  they  do  when  meeting  a  particle  of  second  phase. 
Dislocation  climb  is  us.ially  thought  to  be  diffusion  limited,  1.  e. ,  the  rate 
of  climb  is  dependent  upon  the  rate  of  self-diffusion  within  the  mloy 
system,  t*)  The  presence  of  lattice  vacancies  at  the  grain  boimdaries  makes 
diffusion  easier,  and  benefits  dislocation  climb,  thus  weakening  the  alloy. 
As  presently  understood,  the  role  of  boron  and  zirconium  is  probably  to  fiU 
these  lattice  vacancies. 

Bulygin,  ct  al. ,  reported  that  boron  additions  to  a  typical  nickel- 
base  superalloy  raise  the  temperature  at  which  fracture  changes  front 
trans-ciystalline  to  intercrystalline-O®!  In  essence  this  means  a  raising 
of  the  equicohesive  point,  viz. ,  that  temperature  at  which  shear  stram  is 
greater  at  the  grain  boundary  than  within  the  grain.  In  addition,  Decker, 
et  al.  ,(9)  have  proposed  that  boron,  in  filling  the  lattice  imperfections  near 
the  grain  boundaries,  retards  carbon  segregation  and  subsequent  carbide 
formation  in  the  grain  boundaries.  This  mechanism  is  discussed  m  more 
detail  in  the  section  on  "Heat  Treatment  and  Crain  Boundary  Behavior  . 


This  review  of  strengthening  mechanisms  acknowledgely  is  not  de¬ 
tailed  and  comprehensive.  Moreover,  many  of  the  interactions  involved  m 
strengthening  have  not  been  sufficiently  investigated  as  yet.  Many  detaUS 
are  unsettled.  For  example,  although  the  gamma-prime  precipitate  is 
generally  designated  as  Ni3(Al-Ti).  examination  has  revealed  that  other 
elements  are  soluble  in  this  basic  phase.  <*•)  Solubility  is  ncccssary 
becausc  a  greater  volume  of  gamma  prime  is  present  than  could  possibly 
be  formed  if  the  composition  were  a  rigid  NiyfAl-Ti).  Because  of  the 
similarity  of  atomic  structure  between  matrix  and  second  phase,  one  would 
expect  the  volume  of  second  phase  to  be  about  four  times  the  sum  of  the 
atomic  percentages  of  aluminum  and  titanium.  This  is  not  the  case.  The 
volume  of  second  phase  is  always  more  than  would  be  expected,  when 
m.easiired  on  samples  overaged  for  sufficient  tim.e  so  as  to  at  least  approach 
equilibrium.  This  phenomenon  has  been  noted  in  many  investigations. 
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Failiire 


Failure  is  briefly  considered  as  a  separate  topic  because  nickel-base 
superalloys  sometimes  fail  before  tbeir  full  strength  can  be  utiUxed. 

Factors  other  than  those  mentioned  in  the  sections  on  strengthening  media* 
nisms  promote  failure  before  full  advantage  can  be  taken  of  dislocation 
blocking  and  pinning.  That  is,  failure  may  occur  while  the  creep  rate  is 
still  low* 

Failure,  at  the  high,  ten^eraturss  of  nidcel-base  soperalloy  appli* 
cation,  usually  is  associated  with  grain-boundary  phenomena  to  which  im¬ 
purities  and  grain-boundary  constituents  are  intimately  connected*  The 
strength  (perfection)  analyst  recognizes  the  presence  and  effect  of  these 
factors,  but  prefers  merely  to  acknowledge  their  existence  because  they 
do  not  make  a  readily  definable  contribution  to  strength.  It  remains  for 
the  failure  (imperfection)  analysts  to  do  the  active  work  in  this  field*  The 
practical  metallurgist  is  aware  that  great  strength  is  embodied  in  the  super- 
alloy  composition:  his  task  is  to  achieve  fuller  utilization  of  this  vast 
potential  strength* 

The  presence  of  low-melting-point  **tramp**  elements  at  Uie  grain 
boundaries  is  an  example  of  conditions  that  promote  premature  failure*  In 
nickel-base  superalloys,  lead,  bismuth,  tin,  and  others  are  especially  bad 
in  this  respect*  Only  very  small  amounts  of  these  elements,  in  the  order  of 
0. 001  per  cent,  are  required  to  impair  seriously  the  performance  of  nickel- 
base  superalloys.  Because  these  tramp  elements  have  low  melting  points 
and  low  solubility  in  the  matrix,  they  tend  to  remain  in  the  grain  boundaries 
during  solidification.  On  reheating,  they  can  cause  premature  failure  by 
cither  incipient  melting  or  cracking.  Vacuum-melting  techniques  have  done 
much  toward  eliminating  these  low-melting-point  elements  during  the  melting 
cycle.  At  the  high  temperatures  used  in  melting  the  superalloys,  the  low- 
melting-point  elements  are  vaporized  from  the  bath  and  deposited  on  the 
cool  walls  of  the  furnace  chamber.  A  low  pressure  is  necessary  for  this 
^'elimination  by  vaporization”  to  be  most  effective. 

From  a  failure  standpoint,  vacuum  melting  is  also  benencial  in  that 
it  minimizes  the  number  of  nonmetallic  inclusions  present  by  reducing  the 
gas  content  in  the  metal.  This  is  a  dcHnite  aid  in  fabrication  as  well  as  in 
service.  The  absence  of  stringers  or  accumulations  of  nonmetallic  in¬ 
clusions  does  not  increase  the  strength  of  the  alloy,  but  it  definitely  re¬ 
duces  the  likelihood  of  failure.  . 

Most  nickel-basc  superalloys  operating  in  high-tcmpcraturc,  higb- 
stress  applications  arc  thought  to  fail  by  the  joining  of  localized  cracks  that 
initiate  at  grain  bojndarzcs.  With  increasing  time  uidcr  serxice  conditions, 
the  localized  cracks  extend,  join,  and  eventually  cause  fracture. 
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Decker,  Rowe,  and  Freeman  published  the  results  of  an  extensive 
investigation  on  cracking  at  the  grain  boundaries.  This  was  a  practical 
investigation  of  failure  and  showed  that  boron  and  zirconium  additions,  in 
spect&c  amotmts,  decreased  the  tendency  toward  crack  forxnation  in  the 
grain  boundaries.  The  onset  of  cracking  was  postponed  from  the  primary 
or  early  secondary  stages  ol  creep  until  the  tertiary  stage  of  creep,  thus 
extending  both  the  rupture  life  and  rapture  elongation.  Along  with,  or 
because  of,  this  extended  service  time,  surface  cracking  became  more 
prevalent.  Many  investigators  have  shown  that,  in  the  specific  case  of 
aircra^  turbine  buckets,  failure  was  preceded  by  cracking  along  the  thin, 
leading  and  trailing  edges  of  the  buckets.  However,  the  mere  appearance 
of  these  cracks  was  not  a  good  indicator  of  expected  failure.  There  is 
adequate  evidence  that  although  cracking  was  initiated  at  about  the  same 
time  in  buckets  made  from  air^  and  vacuum-melted  material,  failure 
occurred  faster  in  the  air-xnelted  alloys.  This  would  indicate  that 
microscopic  cracking  at  the  grain  boundaries  may  play  an  important  role 
in  fracture. 

Interactions  at  the  grain  boundaries  are  dependent  upon  time,  tem¬ 
perature,  stress,  and  prior  heat  treatment.  The  physical  make-up  and 
constituents  at  the  grain  boundaries  exert  a  profound  effect  on  the  failure 
of  nl^kel-base  superalloys,  particularly  in  long-term  applications.  When 
some  constituents  are  present,  such  as  low-melting-point  tramp  elements, 
they  are  permanently  located  at  grain  boundaries.  These  elements  must 
be  removed  if  optimum  strength  properties  are  to  be  obtained.  Other 
constituents,  such  as  carbides  and  ganuna  prime,  respond  to  thermal 
treatment  and  can  be  present  in  several  forms.  These  constituents  must  be 
present  in  the  most  advantageous  form  if  optimum  strength  properties  are 
to  be  obtained.  Superalloys  are  weakened  considerably  in  high-temperature 
applications  if  there  arc  gamma -prime  depleted  areas  at  the  grain  bounda¬ 
ries.  Some  carbides  must  be  present  at  the  grain  boundaries  to  insure 
sufficient  ductility  so  as  to  avoid  premature,  brittle  fracture. 


H£AT  TREIAT-MENT  AND  GRAIN-BOUNDARY  BEHAVIOR 


The  importance  of  heat  treatment  of  nickel-base  superalloys  cannot 
be  overemphasized.  Because  of  the  complex  composition  of  these  materials, 
a  wide  variance  in  properties  can  be  achieved  in  any  given  alloy  by  use  of 
different  heat  treatments.  The  optimum  heat -treatment  cycle  for  a  given 
alloy  will  depend  upon  the  properties  desired.  Most  commercial  alloys  are 
offered  with  a  rcconr^mended  heat  treatment  that  provides  an  optimum 
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compromise  of  properties.  For*a  definite  set  of  operating  conditions, 
another  heat  treatment  may  be.  specified,  tailored  to  give  the  best  com> 
bination  of  properties  for  the  specific  conditions  involved.  Thus,  once 
the  response  to  heat  treatment  -is  established  for  a  given  alloy,  heat 
ments  can  be  speciHed  to  best  meet  the  particular  operational  demands.of 
temperature  and  stress  state.  For  example,  the  producers  of  Rene  41  re¬ 
commend  one  heat  treatment  when  tensile  strength  is  critical  and  another 
one  when  creep  is  most  important.  See  Table  l.C^^*  Other  examples, 
showing  even  finer  subdivisicMi  of  requirements,  are  found  in  the  Miinoznc 
alloys.  V/ith  these  alloys,  the  producers  recommend  variations  of  heal, 
treatment  that  win  gU'e  greater  or  less  extension  at  fotlure  in  creep 
(Table  1).  It  must  be  emphasized,  however,  that  the  response  of  these 
alloys  depends  upon  their  chemical  composition  and  that  a  given  heat  treat¬ 
ment  cannot  be  shifted  from  one  alloy  to  another.  The  interaction  between 
the  ingredients  and  the  heat-treating  conditions  is  critical. 

The  ingredients  of  importance  are  the  following: 

(1)  Matrix  solid  solution  (gamma) 

(2)  Nickel-aluminum-titanium  intermetallic  compounds  (gamma 
prime,  eta) 

(3)  Carbides  (M^C*,  MajCfc.  .M7C3,  TiQ 

(4)  Nitrides  and  cyanonitrides  (TIN,  TiCN) 

When  the  alloys  are  in  the  solution-treated  and  quenched  condition, 
the  matrix  contains  nearly  all  of  the  ingredients  in  a  single-phase  solid 
solution.  Only  the  nitrides  (TiN  has  some  solubility  for  columbium  and 
carbon)  are  stable  enough  to  remain  as  discrete  particles  at  temperatures 
up  to  the  melting  point  of  the  alloy.  TiC  is  a  compound  with  solubility  for 
columbium  (when  present)  and  nitrogen.  It  is  important  to  remember  that 
the  matrix  serves  as  a  reservoir  for  the  elements  necessary  to  form  second 
phases,  and  that  the  matrix  constantly  interacts  with  the  second  phases 
once  they  are  formed.  In  addition,  during  the  solution  portion  of  the  heat- 
treatment  cycle,  the  matrix  not  only  acts  as  a  reservoir,  but  with  in¬ 
creasing  time  at  temperature,  the  atoms  seek  the  positions  of  lowest 
energy,  a  process  sometimes  called  conditioning. 

The  temperature  at  which  all  of  the  aluminum  and  titanium  are  taken 
into  solid  solution  within  a  gi\cn  time  is  called  the  solvus  temperature. 
Certain  elements,  when  present  in  the  matrix,  increase  the  solvus  tempera¬ 
ture.  This  allows  the  gamma-prime  and  eta  ^ases  to  remain  as  discrete 
particles  of  second  phase  at  a  higher  tcxnperature,  thus  raising  the  useful 
temperature  range  o:  the  alloy.  Cobalt  has  been  found  to  be  beneHcial  in 
raising  the  solvus  temperature  of  nickel-base  saperalloys.  Cobalt  also 
increases  the  solubili:y  nf  carbides  in  the  matrix,  fl^) 

*n:c  rcpTCfcnts  ihc  mnaJSic  radical,  unully  chremtuin.  a>r>l)McaeB^  and  po5i*bl/  utaaiom. 
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RECOMMENDED  HEAT  TREATMENTS  FOR  SOME 
NICKEL-BASE  SOPERALLOYS 


Ren<t«'13l 
Treatment  A 

1950  F  -  4  hr  —  air  cool  + 
1400  F  “  16  hr  air  cool 

Provides  optimxim 
short-time  tensile 
properties 

• .. 

Treatment  B 

2150  F  -  2  hr  —  air  cool  + 
1650  F  —  4  hr  —  air  cool 

Provides  optimum 

St  re  ss -rupture 
properties 

Nimonic 

Treatment  A 

1975  F  *  8  hr  —  air  cool  + 
1290  F  —  16  hr  —  air  cool 

Standard  beat  treatment 
—  best  compromise  of 
long-  and  short-time 
properties 

Treatment  B 

1975  F  -  8  hr  -  transfer 
direct  to  furnace  at  1560  F 
hold  for  24  hr>  furnace 
cool  4  1290  F  -  16  hr  - 
air  cool 

Provides  greater  creep 
extension  at  fracture 

kZ 

Nimonic  90^^^^ 
Treatment  A 

1975  F  -  8  hr  —  air  cool  + 
1290  F  —  i6  hr  —  air  cool 

Standard  heat  treatment 
—  best  compromise  of 
long-  and  short-time 
properties 

fZZ 

Treatment  B 

1975  F  —  8  hr  —  transfer 
direct  to  furnace  at  1650  F 
-  hold  for  24  hr,  furnace 
cool  +  1290  F  -  16  hr  - 
air  cool 

Provides  greater  creep 
extension  at  fracture 

• 

If  the  high^temperatare  stracture,  that  of  a  single-i^ase  solid 
solution,  is  rapidly  quenched  and  reheated,  the  Hrst  change  in  hardness  is 
due  to  submicroscoplc  segregation  of  chromium  atoms.  This  chromium 
clustering,  which  is  believed  to  be  short-range  ordering,  results  in  a 

on  a  plot  of  bardncss  versus  temperature.  Such  a  peak  is  only 
evident  on.  beating,  however.  On  coolirg.  the  effects  of  chromium  clustering 
are  masked  by  the  more  i:ifluential  precipitation  of  gamma-prime  phase. 

The  temperature  at  >fchich  the  peak  hardness  occurs  during  heating  varies 
with  composition  For  nickel-base  superalloys,  the  peak  generally  is  near 
IQQQ  F.  Some  4i.westigators  have  referred  to  this  phenomenon  as  a 
'*K-state"- 

Further  heating  of  the  quenched  structure  results  in  the  precipitation 
of  a  second  phase:  gamma  prime  or  eta,  or  both.  The  temperature  at 
which  this  precipitation  can  be  detected  optically  depends  upon  the  time  a 
sample  is  held  at  temperature.  However,  some  changes  in  crystal  structure 
be  detected  sooner  by  other  methods,  such  as  electrical-resistivity  and 
internal-friction  measurements.  As  indicated  earlier,  the  sequence  of 
steps  in  the  precipitation  reaction  is  clustering,  nucleation,  coherency,  and 
growth.  The  purpose  of  the  aging  treatment  is  to  produce  precipitate  parti¬ 
cles  of  a  specified  size  and  distribution.  Sponseller  and  Flinn(ld)  have 
shown  that  an  initial  particle  size  (prior  to  creep  testing)  of  1000  to  ISOOA 
gave  the  lowest  second-stage  creep  rate  for  an  alloy  of  75Ni-15Cr-10Al. 

They  showed  further  that  these  results  are  in  good  agreement  with  the 
formulas  of  Weertnoan  for  the  rate  of  creep  at  high  and  low  stresses  in 
dispersion-hardened  alloys. 

Different  solution  and  aging  treatments  are  used  on  the  same  alloy, 
depending  on  whether  it  is  going  to  be  heat  treated  to  obtain  optimum  stress- 
rupture  or  tensile  properties.  This  is  due  to  the  difference  in  fracture 
mechanisms  involved.  Maximum  stress-rupture  strength  is  usually  ob¬ 
tained  with  a  relatively  large  grain  size,  whereas  maximum  tensile  strength 
is  obtained  at  relatively  fine  grain  sizes.  Also,  stress-rupture  strength 
mechanisms  ar.^  diffusion  controlled,  whereas  short-time  tensile  properties 
are  not.  The  relatively  short  time  until  fracture  in  tensile  tests  does  not 
permit  a  great  deal  of  reorganization  of  gamma  prime  and  carbides,  a 
diffusion-controlled  process.  On  the  other  hand,  Decker,  et  al.  have 
shown  that  considerable  reorganization  of  gamma -prime  and  carbide 
particles  occurs  during  long-time  creep  tests.  Of  particular  importance 
was  the  depletion  of  gamma-prime  particles  which  they  observed  at  and 
near  the  grain  boundaries  transverse  to  the  applied  stress.  Stress  de¬ 
finitely  was  required  to  produce  depletion  of  the  gamma  prime.  Micro- 
cracks  formed  in  these  depleted  areas,  joined,  and  caused  failure.  The 
main  point  here  is  that  the  behavior  of  the  alloy  varies  with  the  time- 
temperature-stress  situation.  The  aging  process,  begun  in  heat  treatment, 
may  or  may  not  continue  in  service.  Furthermore,  stress  strongly  in¬ 
fluences  aging  behavior.  An  important  function  of  heat  treating  is  to  put 


the  gamma-prime  particles  in  the  most  favorable  condition  for  accepUi^ 
further  aging  under  stress. 

In  general,  higher  solution  and  aging  temperatures  are  used  to  obtain 
optimum  stress-rupture  properties,  and  lower  temperatures  are  used  for 
optimum  tensile  properties.  See  Table  1.  The  higher  solution  tenq>eratures 
take  more  of  the  aluminum  and  titanium  into  solution  and  provide  a  larger 
grain  size.  The  higher  aging  temperatures  provide  gamma  prime  of  medium 
size  before  stress  is  applied.  The  lower  aging  temperatures  provide  a  fine 
grain  size  and  a  finely  dispersed  gamma  prime  of  small  particle  size. 

These  are  the  most  advantageous  for  tensile  strength  and  also  give  higher* 
hardness. 

For  most  applications,  a  combination  of  strength  and  ductility  is 
necessary.  Carbides  are  very  influential  on  the  ductility  of  nickel-base 
superalloys.  Much  has  been  written  on  the  role  and  behavior  of  carbides 
in  superalloys,  and  many  heat  treatments  have  been  devised  to  position  them 
correctly.  However,  there  is  some  disagreement  as  to  what  constitutes  the 
correct  positioning.  Betteridge  documents  strong  evidence  precipi¬ 
tation  of  the  M23C(i-type  carbide  in  the  grain  boundaries  is  necessary  to 
achieve  optimum  stress-rupture  properties. (1 According  to  his  data, 
this  structure  affords  greater  elongation  at  fracture  and  thus  increases  Uie 
strength.  V/ithout  these  carbides,  a  brittle  fstcture  occurs  before  full 
utilization  of  ultimate  strength.  By  precipitating  more  carbide  at  the  grain 
boundaries,  it  is  possible  to  attain  greater  elcncation  before  fracture  in  the 
Nimonic  alloys.  This  is  illustrated  in  Table  Heat  treatments  ”B** 

for  Nimonic  80A  and  Nimonic  90  are  designed  to  provide  increased  elongation 
at  fracture  during  stress  rupture  by  precipitating  increased  amounts  of 
carbide  at  the  grain  boundaries.  The  increased  carbide  precipitation  is  the 
result  of  the  intermediate  step  in  the  heat  treatment.  It  is  interesting  to 
note  that  the  presence  of  cobalt  in  Nimonic  90  f  IS  to  21  per  cent)  raises  the 
temperature  of  this  intermediate  step.  Additions  of  cobalt  to  nickel-base 
superalloys  increase  the  solubility  of  carbides  in  the  matrix.  As  a  result, 
either  higher  precipitation  temperatures  or  increased  carbon  contents,  or 
both,  are  necessary  to  provide  adequate  precipitation  of  carbides  at  the 
grain  boundaries.  Thus,  cobalt  increases  the  solvus  temperatures  of  both 
gamma  prime  and  carbides  in  nickel-base  superalloys.  By  increasing  the 
solvus  temperature  of  gamma  prime,  additions  of  cobalt  increase  the  useful 
temperature  range  of  the  alloys.  By  increasing  the  solubility  of  carbides, 
cobalt  additions  require  the  use  of  higher  carbide  precipitating  temperatures. 

Most  investigators  in  the  United  States  do  not  look  kindly  upon  M23Ch 
carbides  in  the  grain  boundaries.  The  major  concern,  however,  is  not  with 
stress-rupture  properties  but  with  brittleness  in  shorter  time  applications 
and  in  welding.  Tensile  elongation  is  lowered.  Structures  welded  under  a 
high  degree  of  restraint  have  cracked  upon  subsequent  thermal  treatment. 

The  tensile  stresses  set  up  by  heating  under  restraint,  combined  with  the 


usual  stresses  ixxtroduced  by  tbermal  gradients  and  tbe  effect  of  aging 
during  further  beat  treatment,  cause  fracture  at  the  brittle  M23C6  carbide 
network  in  the  grain  boundaries.  The  complexly  alloyed  nickel-base 
superallcys  have  relatively  low  thermal  conduction.  Thus,  steep  thermal 
gradients  are  produced  whenever  anything  except  the  thinnest  section  sixes 
are  heated.  If  the  alloy  does  not  have  sufficient  ductility  to  relieve  these 
stresses,  the  alloy  will  rupture  internally.  This  is  especially  true  when 
other  stresses,  e.g.,  aging,  machining,  grinding,  etc.,  are  superimposed 
upon  the  thermal  stresses^ 

The  disagreement  on  the  relative  worth  of  intergranular  M23C6  car¬ 
bides  is  most  pronounced  when  data  on  their  effect  on  stress-rupture 
properties  are  studied.  Some  data  show  that  intergranular  carbides  are 
not  only  beneficial  but  necessary  to  achieve  optimum  stress-rupture  life. 
Formation  of  M23C6  carbides  at  the  grain  boundaries  results  in  a  chromium* 
depleted  zone  adjacent  to  the  carbides  (the  radical  in  hl23C^  is  pre¬ 
dominantly  chromium).  There  also  is  less  gamma  prime  in  this  depleted 
zone.  Thus,  this  zone  is  weaker  hut  more  ductile  than  the  areas  adjacent 
to  it.  Stresses  that  concentrate  at  the  grain  boundaries  must  be  relieved 
by  either  localized  plastic  deforntation  or  cracking.  By  providing  an 
“avenue  of  high  ductility**,  the  stresses  can  be  relieved  by  localized 
yielding  rather  than  by  cracking. (1^) 

Other  data  show  that  microcracking  in  these  same  depleted  zones 
is  the  very  cause  of  failure.  An  examination  of  the  structures  resulting 
from  gamma -prime  and  carbide  precipitation  while  under  stress  showed 
that  creep  caused  agglomeration  of  M23C6-type  carbides  at  the  grain 
boundaries  normal  to  the  applied  stress.  The  areas  immediately  surround¬ 
ing  these  carbide  agglomerations  became  depleted  of  gamma  prime,  thus 
weakening  them.  Microcracks  formed  at  the  interface  of  the  M23C6  parti¬ 
cles  and  the  gamma-prime  depleted  zones.^^)  A  joining  of  a  succession  of 
these  microcracks  caused  premature,  brittle  failure. 

Weaver^  <)  found  that  the  formation  of  microcracks  was  affected  by 
microstructure,  composition,  and  stress.  Stress-rupture  life  and  total 
elongation  at  fracture  were  linearly  related  to  the  number  of  microcracks. 
Brittle  fractures  (short  stress-rupture  lives)  in  stress  rupture  showed  few, 
but  lengthy,  microcracks,  indicating  that  crack  propagation  was  rapid. 

Heavy  carbide  precipitation,  in  globular  form,  at  the  grain  boundaries 
promoted  nucleation  of  microcracks  and  also  helped  restrict  them  witUn 
the  intercarbide  distances. 

The  recent  trend  toward  adding  greater  amounts  of  molybdenum  or 
tungsten,  or  both,  to  superalloys  has  further  complicated  the  understanding 
and  control  of  carbides.  These  elements  facilitate  the  formation  of  another 
carbide  M^C.  This  carbide  forms  preferentially  to  the  M23C^  typ* 
the  more  stable  of  the  two  at  highe”  temperatures.  Increasing  amounts  of 
the  M^C  carbide  are  formed  with  increasing  amounts  of  the  heavy  elements 
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(moljrbdenam  and  tungsten).  T%t«  Is  particulariy  true  ndien  tiiese  elements 
are  pr^a^^nt  in  amounts  of  6  per  cent  or  more. 

The  tbertnal  behavior  of  the  two  types  of  carbides  in  Rene  41,  a 
nickel>>base  superalloy  containing  10  per  cent  molybdenum,  was  illustrated 
by  Weisenberg  and  Morris.  Figure  3,  reproduced  from  their  work(13) 
illustrates  the  greater  stability  of  the  M^C-type  carbide  at  higher  temper* 
atures.  It  also  helps  to  explain  the  two  heat  treatments  recommended  for 
the  alloy.  The  1930  F  solution  temperature  recommended  for  8hort*time 
properties  allows  the  dissclutlon  of  the  carbides  and  the 

gamma  prime,  but  the  M^C  carbides  are  unaffected.  The  presence  of  the 
M^C  carbides  restricts  grain  growth  and  a  fine  grata  size  is  retained.  The 
relatively  low  aging  temperature  reconrtmended,  1400  F,  results  in  a  Hnely 
dispersed  gamma  prime  of  small  particle  size.  The  combination  of  Hne 
grain  size  and  Hnely  dispersed  small  particles  of  gamma  prime  gives 
optimum  sbo:  t-time  tensile  properties. 

For  optimum  stress-rupture  properties,  the  higher  solution  tempera¬ 
ture,  2150  F,  is  recommended.  At  this  temperature,  gamma  prime  and 
both  carbides  are  taken  in'o  solution.  This  permits  some  grain  growth 
which  is  believed  to  be  beneficial  to  high-temperature  stress-rupture 
properties.  The  relatively  high  aging  temperature  recommended,  1650  F, 
results  in  a  coarser  gamma-prime  particle  size,  also  believed  to  be 
beneficial  to  stress-rupture  properties.  Taking  all  of  the  carbides  into 
solution  and  reprecipitating  them  at  1630  F  also  results  in  the  formation  of 
^23C6*type  carbides  at  the  grain  boundaries.  As  mentioned  earlier, 
Betteridge  has  shown  this  to  be  the  most  advantageous  as-heat-treated 
condition  (prior  to  creep  under  stress)  for  optimum  stress-rupture 
properties. 

The  unique  property  of  the  nickel-base  superalloys  that  makes  them 
so  useful  in  varying  temperature  applications  is  that  these  materials  are 
not  permanently  softened  by  overheating.  The  hardness  and  strength  can 
be  recovered  to  a  great  extent  by  reaging  at  the  desired  temperature  with¬ 
out  the  use  of  a  re-solution  treatment. 


EVOLUTION  OF  SUPERALLOYS 


The  evolution  of  modern  nickel-base  superalloys  has  coincided  with 
the  evolution  of  the  gas-turbine  engine  for  aircraft.  The  aircraft  industry 
has  supplied  much  of  the  motivation  for  the  development  of  superalloys  for 
high-strength,  high-temperature  applications. 
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FIGURE  3.  ISOTHERMAE  PHASE  REACTIONS  IN  RENe'  4I<*^ 

Bar-stoch  specimens  u#;re  initially  treated  at 
2200  F  and  \K.atcr  quenched.  After  aging  at  the  times 
and  temperatures  indicated,  phases  were  extracted 
and  examined  by  X^ray  diffraction. 


TVhiuIe  developed  the  first  workable  model  of  the  aircraft  gas>tarbxae 
engine  in  1939  and  1940.  The  operating  principles  of  that  engine,  and  of 
all  those  that  have  followed,  included: 

(1)  Intake  of  air 

(2)  Compression  of  air 

(3)  Mueing  of  air  with  fuel 

f4)  Combustion  of  fuel'-atr  mixture  to  provide  ejq>anding,  hot  gases 

(5)  Channeling  of  the  hot  gases  through  an  exhaust  tube  to  provide 
forward  thrust. 

The  n:ore  recent  models  also  include  an  afterburning  (or  reburning)  stage, 
which  is  an  addition  to  the  five  basic  steps  outlined  above.  The  afterburner 
provides  increased  *^hrust  by  burning  additionalfuel  in  the  hot  gasesof  Step  S. 

To  make  the  engine  self-sustaining,  a  turbine  is  inserted  between 
the  combustion  and  exhaust  stages.  The  function  of  the  turbine  is  to  drive 
the  air  compressor.  The  turbine  consists  of  a  rotating  wheel  (rotor),  rotor 
blades  ^buckets),  and  stationary  blades  (nozzle  guide  vanes)  which  direct 
the  flow  of  gases  to  the  buckets.  The  rotor  is  connected  to  the  compressor 
by  a  shaft.  As  the  hot  gases  leave  the  combustion  area,  they  strike  the 
bucket<,  cause  rotation,  and  drive  the  compressor,  an  action  similar  to 
that  of  a  windmill.  In  a  turbojet  engine,  the  buckets  absorb  only  enough 
energy  from  the  flow  of  hot  gases  to  drive  the  compressor,  the  balance 
being  allowed  to  exit  through  the  exhaust  tube  and  produce  thrust.  In  a 
turboprop  engine,  more  energy  is  absorbed  by  the  buckets  and  a  lesser 
amount  is  exited  for  thrust.  This  greater  amount  of  absorbed  energy  is 
used  to  drive  propellers  as  well  as  the  compressor. 

l^hlttle*  s  prototype  engine  illustrated  that  the  efficiency  of  the  gas- 
turbine  engine  for  aircraft  would  depend  mainly  upon  the  temperature  of  the 
gases  after  combustion.  However,  an  increase  in  the  gas  temperature  also 
:r.oant  an  increase  in  the  temp'  of  the  turbine  blades  and  turbine  rotor.. 

The  buckets  and  rotors  must  withstand  not  only  thermally  induced  stresses 
(hot  gases  .ind  thermal  gradients)  but  also  mechanical  stresses  induced  by 
the  rotation.  Nozzle  quide  vanes  do  not  rotate  and  are  subjected  primarily 
to  thermal  stresses. 

Modified  stainless  steels  were  the  best  materials  available  when  the 
first  engines  were  produced,  and,  although  these  engines  were  successful, 
it  was  ob\ious  that  stronger  materials  were  necessary  before  major  ad¬ 
vances  could  be  made  in  cfflciency  and  power  by  raising  the  temperature  of 
the  hot  gases.  Raising  the  temperature  of  the  gases  increases  the  tem¬ 
perature  in  the  combustion  and  exhaust  stages  as  well  as  in  the  turbine 
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sections.  Nickel-base  superalloys  have  been  widely  used  in  engines  ibr 
such  parts  as  buckets,  nozzle  guide  vanes,  rotors,  combustion  liners, 
afterburners,  noise  suppressors,  thrust  reversers,  nuts,  bolts,  pins,  and 
miscelitineous  fasteners.  They  also  have  been  used  as  primary  structural 
material  in  some  cf  the  newer  aircraft  designs. 

Workers  a*,  the  Mond  Nickel  Company,  in  Great  Britain,  developed 
the  Hrst  series.jof  age-hardenable  nickel -base  superalloys  to  meet  hi^* 
temperature,  high--strengtii  applications  just  described.  The  first  alloy, 
developed  in  1941,1^^  was  called  Nimonic  80.  Nimomc  80  was  an.  out<-‘ 
growth  of  the  discovery  that  the  addition  of  a  specified  amount  of  titanium 
to  Nimonic  75  resulted  in  the  precipitation  of  an  observable  intermetalllc 
compound.  The  behavior  of  the  compound  could  be  controlled  by  heat 
treatment.  Further  work  on  Nimonic  80  show'ed  that  additions  of  aluminum 
increased  the  creep  resistance  of  the  alloy.  This  led  to  the  development 
of  Nimomc  80A,  available  in  1944.  At  about  the  same  time,  the  International 
Nickel  Company  was  developing  the  first  age-hardenable  alloys  in  the  United 
States,  Inconel  X  and  Inconel  W.  These  were  evolved  in  a  manner  similar 
to  Nimonic  80,  by  the  addition  of  aluminum  and  titanium  to  the  hiconel  base 
composition.  All  of  these  early  alloys  were  essentially  nicicel-chronuum 
solid  solutions  plus  approximately  2. 0-2. 5  per  cent  titanium  and  0.5-1.  5  per 
cent  aluminum. 

In  1945,  Mond  announced  Nimonic  90.,  In  this  alloy,  15-21  per  cent 
of  nickel  was  replaced  with  cobalt.  As  mentioned  earlier,  cobalt  increases 
the  solubility  temperature  of  the  gamma  prime  compound.  Thus,  a 
parison  of  the  solubility  curves  for  Nimonic  80A  and  Nimonic  90  4t  the 
same  titanium  level  (2.4  per  cent)  and  the  same  titanium/aluminum  ratio 
(2:1)  shows  that  the  solubility  temperature  has  been  raised  145  F,  from 
1615  F  (880  C)  in  Nimonic  80A  to  1760  F  (960  C)  in  Nimonic  90.(12)  (See 
Figure  4.)  By  raising  the  solubility  temperature  145  F,  the  effective 
working  temperature  is  raised  a  corresponding  arr./unt.  From  these  curves 
it  was  apparent  that  further  increases  in  the  service  temperature  could  be 
obtained  by  adding  greater  amounts  of  titanium  and  aluminum.  However, 
the  attractiveness  of  greater  litanium  and  aluminum  additions  was  more 
theoretical  than  practical.  By  increasing  the  strength  and  the  upper  tem¬ 
perature  at  which  the  strength  w'as  retained,  formability  problems  were 
greatly  increased.  Fabrication  operations  were  marginal  and  yields  were 
low.  However,  improved  methods  of  hot  working  were  developed,  and  in 
1951,  a  modification  of  Nimonic  90  having  increased  titanium  and  aluminum 
levels  was  announced.  This  was  called  Nimonic  95. 

.Although  work  by  Gresham,  Dunlap,  and  Wheeler  in  Great  Britain 
during  1948-1950  showed  the  beneficial  effects  of  molybdenum  addltions^l^), 
it  w*as  not  until  1955  that  a  molybdenum-containing  British  nickel-base 
superalloy  made  its  appearance.  This  alloy,  called  Nimonic  100,  was  also 
hardened  by  aluminum  and  titanium  additions.  Thus,  the  status  of  super¬ 
alloy  development  in  Great  Britain  as  of  1951  is  illustrated  by  Nimonic  95, 
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St  nicVel-chromiam-cobalt  alloy  contaimng  approximately  3*  0  per  ceeft 
titanium  and  2.0  per  cent  aluminum. 

The  status  of  superalloy  development  in  the  United  States  as  of  1951 
can  be  illustrated  by  the  Waspaloy,  GXUlo23S  and  Inconel  700  alloys.  Work 
by  Bieber  (International  Nickel  Company),  Theilemann  (Pratt  and  Whitney 
Aircraft),  and  others  resulted  in  alloys  of  the  Nimonic  95  type,  but  con*- 
taining  molybdenum  additions  as  well.  One  further  signiHcant  change  was 
evident  in  the  Inconel  700  and  GMR-235  compositions.  Although  the  total 
aluminum  and  titanium  content  was  similar  to  that  in  Nimonic  95,  the 
titanium/aluxrdnum  ratio  had  been  reversed  from  3:2  to  ZtJL 

The  status  of  superalloy- development  in  the  Soviet  Union  in  1951  was 
mainly  a  posture  of  catching  up  with  the  West.  By  1951  they  had  adopted 
the  British  Nimonic  75  and  Nimonic  80A  compositions  and  renamed  them 
£1435  and  £1437,  respectively. 

Daring  the  1951*>195S  interval,  the  British  developed  Nimonic  100. 

The  signiUcant  changes  In  this  alloy  were  the  addition  of  5  per  cent 
molybdenum  and  a  definite  reversal  in  the  aluminum  and  titanium  contents. 
Nimonic  100  contains  approximately  S.  25  per  cent  aluminum  and  1.5 
titanium,  an  aluminum/titanium  ratio  of  about  4:1* 

During  this  same  time  period.  United  States  investigators  developed 
a  large  number  of  alloys  including  Udimet  500,  M-252,  and  Hastelloy 
R-235.  Nearly  all  of  these  alloys  were  of  the  same  general  composition* 
M-2S2  was  somewhat  unusual  by  virtue  of  its  high  molybdenum  coident, 

10  per  cent.  The  minor  constituents,  e.g. ,  boron,  zirconium,  manganese, 
silicon,  etc. ,  were  studied  with  respect  to  their  influence  on  properties. 

Proc  ssing  variables  probably  received  more  attention  than  anything  else 
during  1951  to  1955.  Much  was  learned  about  the  hot-working  characteristics 
of  nickel-base  superalloys.  The  newer  alloys  were  becoming  so  strong  at 
high  temperatures  that  it  was  necessary  to  have  more  knowledge  of  pro¬ 
cessing  variables  in  order  even  to  produce  parts  from  some  of  the  alloys, 
let  alone  to  increase  the  percentage  of  yield.  The  benefits  of  vacuum 
melting  were  also  beginning  to  be  recognized  during  this  period,  and  a 
good  deal  of  basic  work,  mostly  in  relatively  small  furnaces,  wras  done  on 
establishing  melting  procedures. 

Workers  in  the  Soviet  Union  during  1951  to  1955  developed  a  boron- 
containing  modification  of  £1437,  called  EI437B,  and  also  did  a  great  deal 
of  experimental  work  on  additions  of  the  heavy  elements,  molybdenum  and 
tungsten.  According  to  Khimushin(19)^  EI617,  a  superalloy  containing  7 
per  cent  tungsten  and  3  per  cent  molybdenum,  became  available  in  1954. 
Alloys  developed  by  the  Soviets  have  differed  from  those  of  the  Western 
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naUons  in  three  wnys:  (1)  the  use  o£  considerable  tungsten,  (Z)  the  complete 
lack  o£  cobalt  in  nickel-base  alloys,  and  (3)  lower  aluminum  and  titanium 
levels.  The  Soviets  also  use  small  amounts  of  vanadium  {0.  3-0. 5  per  cent) 
which  they  claim  increases  the  formability  of  wrought  alloys.  It  has  no 
effect  on  the  strength  properties*^^^ 

During  the  last  5  years,  1955  to  1960,  the  British  have  developed 
two  wrought  alloys,  Ntmonics  105  and  115.  Nimonic  105  is  basically 
Nimonic  100  with  a  3.5  to  4.0  per  cent  increase  in  chromium  content  to 
improve  the  high-temperature  corrosion  ^rformancc,  particularly  in  Ac 
presence  of  sulfur-bearing  compounds.  Nimonic  115  is  the  latest  in 
the  Nimonic  series.  From  the  standpoint  of  availability,  Nimonic  115 
currently  is  in  the  transition  stage  between  developmental  and  commercial. 
The  alloy  reportedly  has  excellent  high-temperature  properties,  although 
no  data  have  been  released  for  publication.  In  addition,  several  casting 
alloys  were  developed  by  the  British  during  the  1955  to  I960  period. 

Although  each  of  the  Nimonic*  s  75,  80,  and  90  have  had  a  modification 
tailored  for  casting  purposes  (named  Nimocast  75,  80,  and  90,  respectively), 
superalloys  specifically  designed  for  castings,  i.e.,  to  be  used  in  the  as- 
cast  condition,  are  a  relatively  new  innovation  for  the  British.  Four  such 
alloys  are  being  perfected  at  present,  i.e.,  Nimocast  258,  M4VC,  M6VC, 
and  M8VC.  (^3)  Nimocast  258  is  available  in  cither  the  air-  cr  vacuum- 
cast  form.  M4VC,  M6VC,  and  M8VC  are  vacuum  cast,  and  arc  presently 
available  only  in  experimental  quantities. 

During  1955  to  I960,  many  alloys  were  developed  in  the  United  States, 
c.g. ,  Udimet  700,  Unitemp  1753,  Rene  41,  Astroloy,  Inconel  713  C, 

Inconel  717,  Nicrotung,  DCM,  TRW-1800,  and  others.  Some  of  these  are 
wrought  alloys,  or  at  least  workable,  while  others  are  used  as-cast.  The 
United  States  has  been  the  leader  in  the  development  of  superalloys  to  be 
used  in  the  as-cast  condition.  Perhaps  the  major  reason  for  this  is  the 
greater  interest  in  vacuum  melting  in  the  United  States.  The  use  of  large- 
capacity  vacuum  furnaces  pe4  .nits  increased  quality  control  and  reliability 
of  precision-cast  parts  on  a  volume  basis. 

Although  foreign  and  domestic  engine  TT^anufacturers  have  used  castings 
for  stationary  turbine  blades  (nosrle  guide  vanes),  rotating  turbine  blades 
(buckets)  have  been  predominantly  wrought.  The  thought  that  castings 
generally  are  less  reliable  than  wrought  products  of  comparable  composition 
has  tended  to  exclude  the  former  from  turbine-bucket  applications.  Be¬ 
cause  turbine  buckets  are  subjected  to  both  mechanical  and  thermal  stresses, 
whereas  the  noazle  guide  vanes  ace  exposed  to  only  the  thermal,  performance 
requirements  are  more  stringent  for  buckets. 

The  early  United  States  interest  in  casting-type  superalloys  has 
brought  forth  a  number  of  superior  high-temperature  casting  alloys. 

Table  3  and  Figure  6  show  that  the  cast  alloys,  as  a  cla»s,  have  the  higher 
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stres<orupture  properties  at  temperatures  above  1500  F.  Tbe  principal 
reason  for  this  is  that  greater  amounts  of  those  elements  which  promote 
solid  solution  and  precipitation  strengthening  are  permitted  in  cast  alloys. 
Plastic  deformation  is  not  necessary  in  the  Inbricatlon  of  parts;  therefore, 
hot  formabilxty  is  not  a  problem. 

Two  alloys  containing  tungsten  were  developed  in  the  United  States 
during  1955  to  I960.  One  was  a  wrought  alloy.  Unitemp  1753,  and  the 
other  was  for  castings,  Nicrotoi^.  Both  alloys  contain  approximately 
8  per  cent  tungsten.  Late  in  the  1935  to  I960  period,  the  Internaliooial 
Nickel  Company  developed  a  precipitation-hardenable  alloy  which  relies, 
for  its  strength,  on  a  nickel •columbium  intermetallic  compound  rather 
than  on  gamma  prime  or  eta.  This  alloy  is  known  as  Inconel  718.  Farly 
data  reveal  that  the  alloy  contains  approximately  5.0  per  cent  columbium 
and  only  small  amounts  of  titanium  and  aluminum.  ^^^1  .Although  the 
strengthening  second  phase  has  not  been  positively  Identified,  it  is  stxs- 
pected  to  be  the  Ni3Cb  compound  or  a  solid-solution  based  on  this  com¬ 
pound.  The  strength  properties  of  Inconel  718  are  most  attractive  at  1400  F 
and  below.  Thus,  the  temperature  range  of  useful  strength  properties  of 
she  alloy  is  on  the  lower  fringe  of  the  temperature  range  usually  associated 
with  nickel-base  superalloys.  Kcwcver,  the  alloy  is  significant  because 
the  hardening  compound  is  based  on  columbium  rather  than  on  the  usual 
aluminum  or  titanium  or  both.  The  sluggishness  of  the  precipitation  of  the 
nickel-columbium  compound  allevtates  many  of  the  welding,  pickling,  and 
annealing  problems  usually  associated  with  precipitation-hardenable  nickel- 
base  superalloys. 

The  Soviets,  during  the  1955  to  1960  period,  continued  their  develop¬ 
ment  of  tungsten-containing  superalloys.  £1826  was  developed  in  1956  and 
was  the  result  of  further  work  on  the  £1617  composition.  (19)  The  £1826 
alloy,  in  fact,  is  sometimes  referred  to  as  £I617AB.  Daring  this  period 
the  Soviets  also  became  interested  in  casting  alloys.  Although  no  new 
compositions  were  developed  specifically  for  casting,  a  modified  version  of 
£I  617,  designated  ZhS3,  was  designed  to  be  cast.  Recent  Soviet  literature 
has  emphasized  another  casting  alloy,  ZhS6.  Although  the  composition  of 
this  alloy  is  unavailable,  the  pattern  of  Soviet  alloy  development  suggests 
tnat  ZhS6  probably  is  a  modiHcation  of  £1826,  possibly  containing  a  higher 
level  of  aluminum.  The  Soviet  alloys  £1652  and  VZh  98  were  developed  as 
high-temperature  sheet  materials.  Both  alloys  have  relatively  high 
chromium  contents,  27  per  cent.  By  virtue  of  the  3  per  cent  aluminum 
addition,  £1652  should  be  precipitation  hardenable.  VZh  98,  on  the  other 
hand,  is  solid-solution  hardened  by  the  addition  of  14  per  cent  tungsten, 
further  proof  of  the  Soviet  interest  in  tungsten  for  use  in  high-temperature 
alloys. 
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Tables  Z  anJ  3  list  tbe  cbemical  compositions  and  typical  elevated* 
temperature  strei^ths  of  nickel-base  superalloys  that  are  representative  of 
the  many  in  current  use  in  a  variety  of  applications.  To  include  the  entire 
list  of  known  nickel-base  superalloys  would  make  the  tabulation  unwieldy. 
Instead,  alloys  were  chosen  which  reflect  types  of  application  and  represent 
evolutionary  sequences.  The  list  includes  selections  from  British,  Soviet, 
and  United  States  alloys. 

Table  2  shows  the  organized,  economical  manner  in  which  the  British 
have  undertaken  alloy-development  programs.  Bach  alloy  represents  a 
logical  step  or  sequence  in  texr^erature  of  application.  The  apparent 
neatness  of  the  British  program  probably  is  a  reflection  of  the  fact  that  one 
organization,  Mond  Nickel  Co.  Ltd.  and  its  affiliates,  has  assumed  the 
major  portion  of  the  initiative  in  alloy  development  and  marketing  of  nickel- 
base  superalloys.  Development  programs  in  the  Soviet  Union  got  oil  to  a 
later  start.  The  s^  acematic  evolution  and  lack  of  duplication  of  effort  in 
the  Soviet  program  suggest  that  alloy  development  may  have  been  regulated 
by  the  state.  The  competitive  economic  system  of  the  United  States  has 
resulted  in  the  development  of  a  large  number  of  superalloys,  many  of 
which  are  similar  in  composition.  This  duplication  of  effort  has  not  been 
wasteful,  however,  because  it  has  resulted  in  the  quickest  actual  utilization 
of  the  strongest  alloys.  The  recent  trend  in  the  United  States  toward  the 
increased  use  of  the  practice  of  licensing  the  production  of  trademarked 
alloys  has  reduced  the  duplication  of  e0ort. 

Table  3  summarizes  available  typical  tensile^trength  and  stress- 
rupture  data  for  the  alloys  listed  in  Table  2.  Figure  5  is  a  plot  of 'the 
typical  tensile-strength  data  from  room  temperature  to  1800  F  for  these 
alloys,  and  Figure  6  is  a  plot  of  the  stress-rupture  properties  of  selected 
alloys  at  900  C  (1650  F).  This  latter  temperature  was  chosen  for  two 
reasons:  (1)  it  is  characteristic  of  the  bucket  temperature  In  many  present- 
day  turbines  for  Jet  aircraft,  and  (2)  it  is  the  highest  temperature  for  which 
data  are  available  on  most  of  the  foreign  alloys.  The  use  of  typical  values 
when  comparing  strengths  is  sometimes  misleading,  and  the  data  presented 
should  net  be  interpreted  as  guaranteed  minimums.  But,  in  the  absence  of 
guaranteed  minimum  values  for  most  of  the  alloys,  it  was  deemed  necessary 
to  present  the  data  in  this  form. 

It  should  also  be  mentioned  that  in  the  case  of  Rene  41  and  Unitemp 
1753,  optimum  properties  were  used  in  Table  3  and  Figures  5  and  6.  As 
described  earlier  in  the  section  on  Heat  Treatment  and  Crain-Botindary 
Behavior,  the  strength  properties  of  nickel-base  superalloys  arc  greatly 
affected  by  heat  treatment.  Thus,  where  tensile  strengths  arc  reported 
here  for  Rene'  41  and  Unitemp  1753,  they  represent  the  values  obtainable 
when  these  alloys  are  heat  treated  for  maximum  tensile  strength.  Where 
stress-rupture  values  are  reported,  they  represent  values  obtainable  when 
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FIGURE  6.  TYPICAL  STRESS-RUPTURE  PROPERTIES 
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Rene  41  and  XJnitexnp  1753  are  lieat  treated  for  maximum  stress-rupture 
strength.  One  should  not  expect  to  obtain  both  optimum  tensile  strength 
and  optimum  stress-rupture  strength  in  the  same  part. 

Figure  6  illustrates  the  superior  stress-rupture  strengths  of  Uxc  cast 
alloys  at  1650  F,  and  the  apparent  greater  stability,  with  time  at  tempera¬ 
ture,  of  the  Soviet  tungsten-containing  alloys.  The  latter  is  illustrated  in 
Figure  6  by  the  comparison  of  the  slope  of  the  curves  for  £1617  and  £1826 
witti  those  of  Rend  41,  Nimonic  105,  and  Waspaloy.,  Although  the  rupture 
stress  of  the  earlier  Soviet  alloy  £1617  is  about  the  same  as  tttat  of  ^ 
earlier  United  States  Waspaloy  at  100  hours,  there  is  considerable  spread 
at  500  and  at  1000  hours.  The  same  holds  true  for  the  later  Soviet  alloy 
£1826  in  comparison  with  the  later  United  States  and  British  compositions 
of  Rene  41  and  Nimonic  105. 

The  aircraft  gas-turbine  engine  has  been  in  existence  for  20  years. 
Design  developments  within  this  time  period  have  pushed  the  operating 
temperatures  steadily  upward.  In  the  early  stages  of  development,  the 
temperatures  of  turbine  buckets  were  in  the  neighborhood  of  1500  F;  today 
they  are  1800  F.  At  1500  F,  alloys  of  relatively  simple  composition  could 
adequately  han'Ue  the  stresses  and  corrosion  conditions  within  the  engine. 
However,  the  operating  conditions  have  become  more  severe  as  the  i>ower 
requirements  have  increased.  Increased  speeds  result  not  only  in  higher 
temperatures  within  the  engine,  but  also  in  higher  temperatures  for  the 
skin  of  the  vehicle  as  the  result  of  aerodynamic  heating.  Because  of  the 
latter  circumstance,  nickel-base  supcralloys  have  been  used  as  the  primary 
structural  materials  for  a  few  of  the  later  high-speed  vehicles  such  as  the 
North  American  X-15  rocket  research  plane.  The  higher  metal  temperatures 
encountered  as  power  requirements  are  increased  have  focused  the  research 
metallurgist*  s  attention  on  four  major  items: 

(1)  Increasing,  or  at  least  maintaining,  the  effectiveness  of  the 
precipitation-hardening  mechanism  at  ever  higher  temperatures 

(2)  Increasing  the  contribution  of  solid-solution  hardening  to  the 
strength  properties 

(3)  Increasing  recognition  of  the  high-temperature  corrosion  problem. 

(4)  Increasing  our  understanding  of  the  role  of  carbides. 


Item  (1)  has  been  approached  by  the  addition  of  cobalt  and  by  the 
addition  of  greater  amounts  of  aluminum  and  titanium  (Figures  4a  and  4b). 

The  solvus  temperature  increases  with  increasing  amounts  of  these  elements. 
The  addition  of  the  heavy  elements  molybdenum  and  tungsten  tend  to  slow 
down  diffusion  rates  and  hence  the  rate  of  precipitation.  This  should  prolong 
the  time  that  a  precipitate  is  effective  at  a  given  temperature. 
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Item  (2)  becomes  of  more  importance  as  the  operating  ten^ratore 
approachs  the  solvus  temperature  of  the  solute  in  the  alloy  because  a 
lesser  volume  of  second  phase  will  be  available  for  strengthening*  More 
aluminum  will  he  in  solid  solution  and  less  will  be  combined 

with  nickel  In  the  form  of  strengthening  interznetallic  compo>jnd.  For  tMs 
reason,  solid-solution  strengthening  becomes  more  important  as  operating 
temperatures  approach  the  solvus  temperature* 

Item  (3)  also  bc^comes  of  increasing  iiXiportance  as  operating  tem¬ 
peratures  Uickel-base  superalloys  have  inherently  good  oyidation 

resistance  from  ^e  standpoint  of  general  attack  as  measured  by  weight 
gain  or  loss.  As  the  service  temperature  approaches  ISOO  F,  however, 
intergranular  oxidation  becomes  a  serious  problem,  particularly  in  thin 
sections  such  as  sheet  and  the  trailing  edges  of  turbine  buckets*  Figure  7 
shows  the  depth  of  intergranular  oxidation  penetration  of  a  typical  alloy 
(Rene'  41)  as  a  function  of  temperature.  In  applications  where  thin  section 
sizes  are  required,  intergranular  penetrations  of  1  mil  (.001  inch)  are 
significant.  Figure  7  shows  that  at  a  temperature  of  1800  F,  a  penetration 
of  1  mil  In  depth  is  obtained  in  approximately  5  to  6  hours.  Malamand  and 
Vidal  have  shown  that  preferential  oxidation  of  titanium,  aluminum,  and 
chromium  was  the  principal  c-^use  of  intergranular  attack.(^^)  These 
authors  made  spectrographic  determinations  of  the  chromium,  aluminum, 
and  titanium  contents  at  various  depths  beneath  the  surface  of  a  typical 
nickel-base  superalloy  (Nimonic  80A)  that  had  been  exposed  for  300  boors 
at  one  of  various  temperatures  m  air*  Their  data  showed  that  ebronuona, 
aluminum,  and  titanium  were  depleted  from  the  area  under  the  sur&ce* 

Some  investigators  feel  that  aluminum  is  preferable  to  titanium  in  the 
newer  superalloys  designed  to  meet  the  ever-increasing  operational  tem¬ 
peratures.  Increased  aluminum  content  not  only  decreases  the  tendency 
to  form  eta  phase,  which  overages  more  rapidly  than  does  gamma  prime, 
but  it  also  is  thought  to  render  the  alloy  less  susceptible  to  intergranular 
oxidation.  At  elevated  temperatures,  both  aluminum  and  titanium  contribute 
to  the  uniform,  over-all  oxidation  on  the  surface  of  an  alloy.  The  rate  of 
intergranular  oxidation  is  thought  to  be  dependent  upon  the  diffusion  of 
oxygen  through  the  surface  oxide  to  the  oxidation-susceptible  grain  bounda¬ 
ries.^  The  denser  oxide  formed  by  aluminum  probably  aids  in  retarding  the 
diffusion  of  oxygen  through  the  surface  oxide,  thereby  inhibiting  inter¬ 
granular  penetration. 

Item  (4)  is  of  special  importance  with  the  increased  use  of  super¬ 
alloys  in  sheet  form.  Most  investigators  believe  that  the  location  and  form 
of  the  carbides  have  a  great  effect  on  ductility.  The  **2east  undesirable** 
form  is  globular  M23C6  at  the  grain  boundaries.  In  this  form,  the  carbide 
acts  less  as  a  "crack  raiser"  and  tends  to  limit  the  cracks  to  within  the 
intercarbide  area. 
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